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Abstract 
Minimizing phase transformation (PT) hysteresis is of crucial importance for reliability of shape 
memory alloy (SMA)-based devices, where the lattice strain/stress caused by thermal hysteresis 
leads to functional degradation. As a result, understanding structural factors that control PT 
pathway is critical for development of materials with high reversibility. In this study, two distinct 
PT mechanisms (from 𝛾𝛾1′  martensite to 𝛽𝛽1 austenite phase) in Cu-Al-Ni SMAs were revealed by 
in-situ TEM observation. A growth-dominant conventional PT mechanism shows in the fast 
quench sample, whereas a nucleation-dominant PT mechanism that suppresses interface 
propagation and induces high thermal hysteresis displays in the slow quench sample. By 
characterizing the atomic scale composition and microstructure we discover that slow quenching 
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induces nanoprecipitation that changes chemistry of the matrix alloy, which in turn causes the 
higher PT hysteresis and temperature, while fast quenching avoids the formation of these 
nanoprecipitates. Our finding provides valuable insights into the fabrication of SMAs with better 
reliability. 
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1. Introduction 
Many advanced energy-conversion devices, such as vibration dampers, actuators, sensors, 
and caloric technology, rely on reversible solid-solid diffusionless martensitic transformation (MT) 
in shape memory alloys (SMAs), which are triggered by a temperature change or mechanical force. 
The devices’ efficiencies and reliabilities depend on the latent heat and reversibility of the phase 
transformation (PT), and a larger latent heat and less hysteresis are more favorable[1,2]. 
Consequently, investigation of the hysteretic characteristic and transformation mechanism in those 
systems are key to improving the material properties for better device performance.  
Copper-based SMAs have attracted significant attention owing to their lower cost than the 
widely used Ni-Ti-based SMAs[3]. In particular, the Cu-Al-Ni alloy is one of the most promising 
candidates for elastocaloric application, due to its reasonable latent heat, lower critical stress, 
higher thermal conductivity, and lower heat capacity than Ni-Ti[4–6]. Cu-Al-Ni alloy transforms 
from its high-temperature D03-ordered 𝛽𝛽1  parent austenite phase into its low-temperature 
martensite phase when cooling. Depending on the alloy composition and heat treatment, the 
martensite phase can be orthorhombic 2H (𝛾𝛾1′), monoclinic 18R (β1′ ), monoclinic 6R (𝛼𝛼1′ ), or a 
mixture of both[6–12]. In addition, the transformation temperature that determines the range of 
applications, is sensitive to alloy composition and can be between 300 and -200 ℃. The MT 
mechanism in Cu-Al-Ni SMAs is closely related to the microstructure during alloy fabrication and 
the hysteretic movement of interfaces during cycling[13,14]. PT with different quenching speed 
may result in significant changes in shape memory effects by phase distribution[15], 
transformation temperature[16,17], and size/type of precipitates[18]. However, most previous 
studies were based on microscopic analysis with low magnification, such as optical microscopy 
and low-magnification electron microscopy[6,12–14,17,18]. In-situ TEM is one of the best 
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approaches to understand and unravel the mechanism down to the atomic scale. Nevertheless, 
previous in-situ TEM studies of  Cu-Al-Ni SMAs were primarily focused on stress-induced 
MTs[19–22].  
In this study, in-situ TEM observations on thermally induced PT revealed distinctive 
difference on PT mechanism of Cu-Al-Ni alloy fabricated with different quenching conditions. 
Moreover, we conduct a comprehensive nano-scale microstructural analysis using a combination 
of atom probe tomography (APT), scanning transmission electron microscopy (STEM), 
conventional transmission electron microscopy (TEM), and energy dispersive X-ray spectroscopy 
(EDS). This study clarifies that subtle difference in thermal history of material fabrication can 
dramatically affect alloy microstructure, and thus the PT mechanism and hysteresis.  
 
2. Experimental procedures 
A Cu-13.7 wt.% Al-5 wt.% Ni ingot was prepared by arc melting the elemental raw 
materials, and subsequently drop casted in the Materials Preparation Center at the Ames Lab. The 
ingot was sealed in a quartz tube with Ar protective gas, and annealed at 900 ℃ for 25 hours. The 
alloy was subsequently quenched in brine ice water and room-temperature water, separately. 
Hereinafter, the sample quenched in brine ice water is denoted as the “LT” sample, and the other 
sample quenched in room-temperature water is denoted as the “HT” sample. The forward and 
reverse MTs exhibit four distinct temperatures: As, Af, Ms, and Mf (i.e., austenite start and finish, 
martensite start and finish temperature, respectively). The transformation temperature and latent 
heat were measured by a differential scanning calorimeter (DSC, TA Instruments Q2000). The 
samples were heated and cooled in the range of -100 ℃ to 200 ℃ at a rate of 10 ℃/min. A focused 
ion beam (FIB, FEI Helios NanoLab G3) was used to prepare the TEM samples with the lift-out 
6 
 
technique. The microstructure of both samples was examined using a probe aberration-corrected 
Titan Themis TEM equipped with a Super-X EDS detector. The in-situ TEM observation of the 
PT was performed using an FEI NanoExTM-i/v in-situ TEM holder. The samples were thinned at 
the easy-lift needle after lift-out and transferred to the heating chip. APT analysis was performed 
for a more accurate determination of the nanoscale composition of the samples. An FEI Nova 200 
dual-beam SEM/FIB was used to liftout regions of interest, mount sections of the liftout on Si 
microtips, and fabricate needle-shaped APT specimens using an annular milling pattern and a final 
2 kV cleaning step. The APT experiment was conducted using a CAMECA local electrode atom 
probe (LEAP) 4000X HR equipped with a reflectron lens. The samples were run in laser mode 
with a 30K base temperature, a 50 pJ laser pulse energy, a pulse repetition rate such that all ions 
in the mass spectrum were collected, and a detection rate of 1 ion per 200 pulses. The data was 
analyzed using the CAMECA’s Integrated Visualization and Analysis Software (IVAS 3.8).  
 
3. Results and Discussion 
3.1 DSC analysis  
DSC analysis indicate that the brine ice water quenched sample (LT sample) exhibits lower 
PT temperatures, enthalpy changes, and hysteresis (Af – Ms) compared to the room-temperature 
water quenched sample (HT sample), as shown in Fig. 1. The LT sample has an Af temperature of 
approximately 65 ℃ during heating and a Ms temperature of approximately 54 ℃ during cooling. 
The PT hysteresis of the LT sample is ~11 ℃ with a latent heat of ~5.3 J/g. On the other hand, the 
HT sample has an Af of approximately 154 ℃, a Ms around 124 ℃, an enthalpy change of 11.8 J/g 
and a PT hysteresis of ~30 ℃. All approximate PT temperatures of both samples were shown in 
Table. 3. The PT peaks in both DSC results are sharp and have similar shape, which indicates a 
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single PT, and the parent phase (D03, 𝛽𝛽1 austenite) in both samples was transformed into one type 
of martensite without the coexistence of different types of martensites during quenching. In spite 
of different PT behavior in DSC analysis, inductively coupled plasma (ICP) mass spectrometry 
analysis showed similar chemistry in the bulk, which is 81.9 wt.%, 13.2 wt.% and 4.9 wt.% for 
Cu, Al and Ni, respectively. Moreover, X-ray diffraction analysis confirmed that both LT and HT 
samples have the single 𝛾𝛾1′  martensite as expected by DSC. To unravel the reasons that cause PT 
behavior difference, in-situ heating TEM experiment was conducted to monitor the PT in real time 
at the nanoscale.  
 
3.2 in-situ TEM observation  
An in-situ TEM analysis discovered two PT mechanisms in LT and HT sample. The PT 
was triggered by precise and uniform temperature control using a microelectromechanical-system 
(MEMS) based heater. Sequential TEM BF images of the process in LT sample with increasing 
temperature are demonstrated in Fig. 2 (video is shown in supplementary movie S1). The 𝛾𝛾1′  
martensitic variant with {121}𝛾𝛾1′  orientation were observed before heating (Fig. 2a). With a heating 
rate of 4  ℃/min, nucleation of the 𝛽𝛽1  austenite phase was first started at 140 ℃ and clearly 
observed at 145 ℃ on the right bottom side that is slightly thicker (≈ 165 nm) than the opposite 
side (Fig. 2b, indicated by red arrows, see supplementary Fig. S1 for the TEM lamella thickness 
profile). The inset in Fig. 2b is a magnified image of the white boxed region in Fig. 2b, and shows 
that the 𝛽𝛽1 austenite phases nucleated and grew along the (331)𝛽𝛽1 habit plane to minimize strain 
energy during PT[23,24]. Interestingly, the PT process did not proceed continuously and 
decelerated after a while of growth. Further phase growth along the habit plane requires a 
temperature increase. As shown by the red arrows in Fig. 2b-d, the 𝛽𝛽1 austenite first grew across 
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the entire sample area from the right bottom to the upper left side. Then, the growth front proceeded 
perpendicular to the habit plane direction (yellow arrows in Fig. 2d and 2e). Finally, all 𝛾𝛾1′  
martensite regions were transformed to 𝛽𝛽1 austenite at 205 ℃. During the whole process, only four 
nucleated wedges were observed. Thus, the PT in LT sample proceed through a growth dominated 
mechanism of 𝛽𝛽1 austenite from 𝛾𝛾1′  martensite. 
On the other hand, the HT sample demonstrates a different growth mechanism, as shown 
in Fig. 3 (video is shown in supplementary movie S2). Before heating, a 𝛾𝛾1′  martensite structure 
with a narrower twin band was observed (140 nm to 1.1 um in HT compared to ≈ 2 um in LT 
sample) (Fig. 3a). The 𝛽𝛽1 austenite nucleated at 235 ℃ from the thick upper right region of the 
sample and grew along the (331)𝛽𝛽1  habit plane with a blade shape (Fig. 3b). However, with 
increasing temperature, those blades grew slowly along the direction normal to the habit plane. In 
contrast to the LT sample, multiple new 𝛽𝛽1 austenite grains nucleated and grow into a blade-shape, 
as shown in Fig. 3d. With increasing temperature up to 430 ℃, the austenite phases merged by a 
slight increase in austenite grain width, while the growth is mostly along the habit plane (Fig. 3e). 
In other word, the HT sample shows a nucleation dominated PT mechanism, where the growth to 
the normal direction of the habit plane is suppressed. The volume fraction of martensite within the 
sample was still high at 430 ℃. Fig. 3f is an atomic resolution HAADF image taken at 430 ℃ 
showing the PT from the 𝛾𝛾1′  martensite to 𝛽𝛽1 austenite. The insets are the FFT patterns from each 
boxed region. The orientation relation between 𝛾𝛾1′  martensite and 𝛽𝛽1 austenite was observed as: 
(010) [100] 𝛾𝛾1′  // (010) [101�] 𝛽𝛽1 
This crystallographic relationship was also observed in the LT sample as shown in the 
insets of Fig. 3a and 3f, and is consistent with a previous report[25]. Detailed structural 
characterization was conducted to further investigate features that brings this PT differences. 
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3.3 TEM microstructure analysis 
Obvious structural differences were detected at the nanometer scale in the LT and HT 
samples. The LT sample exhibits a chemically uniform structure with martensitic twins, as 
illustrated by TEM bright field (BF) and high-angle-annular-dark-field (HAADF) STEM images 
in Fig. 4a and 4b, respectively. Martensite bands can be seen with a large variation in width from 
approximately 200 nm to 1.4 um. A selected-area-electron-diffraction (SAED) pattern including 
both variants (Fig. 4c) revealed that the martensite variants in Fig. 4 are 2H (𝛾𝛾1′) martensites with 
{121}𝛾𝛾1′  twins, which is known as type-I twinning[23,24]. The dark and bright variants in Fig. 4b 
formed an invariant boundary plane, and Fig. 4c shows a mirror reflection against the {121}𝛾𝛾1′  
twin plane. The middle variant in Fig. 4b has a high density of striations which are stacking faults 
on the basal plane formed during quenching from high temperature. Those stacking faults are 
manifested as streaks normal to the striation direction in Fig 4c. Similar 𝛾𝛾1′  structure with {121}𝛾𝛾1′  
twins and stacking faults inside the variants has been reported previously[23,24,26]. EDS 
elemental mapping from the orange boxed region in Fig. 4b (Fig. 4d-g) confirms no chemistry 
segregation between the twins or at the twin boundary.  
Meanwhile, a high density of the nanoprecipitates was observed inside the HT sample, as 
shown in Fig. 5. Similar to the LT sample, the HT sample consists of 𝛾𝛾1′  martensite with stacking 
faults on the basal plane (the inset of Fig. 5b), illustrated as a mirror reflection against the {121}𝛾𝛾1′  
plane, as shown in the SAED pattern containing both invariants (Fig. 5c). However, the twin bands 
have a width of ~ 30-60 nm (Fig. 5a), which are narrower than that of the LT sample (Fig. 4a). 
Moreover, dark spots were observed in the HAADF STEM image, sometimes referred to as Z-
contrast imaging (Fig. 5b). EDS elemental mapping, as shown in Fig. 5d-g, indicates that the dark 
spots are from 2-5 nm sized Ni-rich and Cu-deficient precipitates that are distributed over the 
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whole area. Alloy compositions obtained from EDS mapping in Fig. 4b and Fig. 5b are shown in 
Table. 1. In spite of the nanoprecipitation in the HT sample, the composition from the full field of 
view in the LT (Fig. 4d) and HT (Fig. 5d) sample are almost the same, similar to previous ICP 
mass spectrometry result.  
High resolution HAADF STEM images taken under the [100] martensitic variant zone axis 
around the precipitate/matrix interface (Fig. 6a) shows that the precipitate has a different atomic 
structure compared to the 𝛾𝛾1′  martensite matrix. The clear atomic imaging of nanoprecipitate 
(~5nm) was achieved by careful selection of nanoprecipitate (located at the thinnest region of the 
TEM foil [27]) and imaging condition (focal depth:≈14 nm[28], convergent semi-angle:18 mrad) 
to exclude the effect of the surrounding matrix. A Fast Fourier Transform (FFT) pattern from 
corresponding area reveals separated spots, as illustrated by white circles in Fig. 6c, which further 
confirms a lattice parameter difference between the precipitate and matrix. The atomic structure 
of (100) 𝛾𝛾1′  martensite is superimposed on the left side of the HAADF image (Fig. 6b) for a better 
understanding of the precipitate and matrix crystallographic relationship. The bright atomic 
column represented by the yellow circle in the 𝛾𝛾1′  martensite is a Cu and Ni rich column. Red 
circles are located on the Al column site, which is almost invisible in this HAADF STEM image 
due to its lower atomic number (HAADF contrast is sensitive to Z). The zig-zag S-shaped atomic 
structure of 𝛾𝛾1′  martensite is shown on the left side of the image, while the linear structure of 
precipitate was shown on the upper right region. EDS mapping indicates that the precipitate is Ni 
and Al rich (Fig. 6d). Indexing of the precipitate’s FFT pattern reveals a Al4Ni3 (Ia-3d space group, 
cubic a = 11.408 Å, isostructural with the Ni3Ga4 compound)-like structure aligned along the [110] 
axis, confirming the EDS result. In spite of the FFT pattern indexing and EDS results, the Al4Ni3 
atomic structure superimposed on the precipitate HAADF image in Fig. 6b is not in a good 
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agreement with the perfect Al4Ni3 structure due to the appearance of a bright column in every other 
Al column, suggesting the presence of heavier elements inside.  This motivated the APT analysis 
to better identify the precipitate. The orientation relation between 𝛾𝛾1′  martensite and the Al4Ni3 
(tentative) precipitate was observed as follows: 
(010) [100] 𝛾𝛾1′  // (010) [101�] Al4Ni3 
Because the lattice mismatches between 𝛾𝛾1′  martensite and Al4Ni3 are approximately 5.8 % 
and 6.2 % in the [010] and [001] directions of 𝛾𝛾1′  martensite, respectively, a large lattice distortion 
at the interface between 𝛾𝛾1′  martensite and Al4Ni3 is expected (orange boxed region in Fig. 6b) 
which manifests as dark regions from strong diffraction contrast in the bright-field TEM image, as 
shown in Fig. 5a.  
 
3.4 APT composition analysis 
The STEM images and EDS results clearly show that the composition of 𝛾𝛾1′  martensite 
changed in the HT sample as a result of precipitation. This is responsible for the increase in the PT 
temperature over the LT sample[6,29,30]. Unfortunately, due to their small size, an accurate 
determination of the chemistry of these precipitates cannot be achieved in the TEM. APT was 
employed in order to ascertain the precipitate’s 3D morphology and to determination an accurate 
matrix and precipitate composition.   
Fig. 7a displays the APT atom maps for the LT and HT samples. The datasets have been 
sized to be magnification matched, and the HT samples shows a larger field of view compared to 
the LT sample. More atoms were consistently collected for the HT sample compare to the LT 
sample, which indicates that the HT sample was more stable during the APT experiment.  The HT 
sample atom maps show precipitation of a NiAl rich phase, while the LT sample has no obvious 
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signs of elemental segregation, consistent with the EDS measurements (Fig. 4d, 5d and Table. 1).  
The HT sample also shows a planar feature with a higher number density of precipitates than the 
surrounding material most likely associated with the twin boundary in the martensitic matrix. A 
25 at. % Ni isoconcentration surface bordering the NiAl-rich precipitates is displayed in Fig. 7b 
with the corresponding proximity histogram displayed in Fig. 7c. The proximity histogram reveals 
the precipitate and matrix compositions with values displayed in Table 2, calculated using the zero 
slope regions of the proximity histogram (the interior of the precipitates were extracted from the 
matrix to do this).  The precipitate contains an equiatomic ratio of Ni and Al and approximately 
12 at. % Cu that suggests a CuAl3Ni3 precipitate stoichiometry with Cu located on the Al and Ni 
site of Al4Ni3 ((Al,Cux)4(Ni,Cuy)3, 4x+3y=1) as indexed previously by precipitate’s FFT pattern. 
Cu in the Al column is observed as a bright column in the Al row in Fig. 6b. Cu on the Ni site will 
not be noticeable due to the close atomic number of Cu and Ni. Note that the proximity histogram 
is asymmetric across the precipitate/matrix interface, in which there are extended composition tails 
trailing into the matrix, indicating the existence of a precipitate growth front that was ceased during 
cooling. 
Closer inspection of the LT APT data using a 𝜒𝜒2statistics approach (frequency distribution 
histogram) reveals that the elemental distribution is indeed heterogeneous; however, the degree of 
heterogeneity is low (see supplementary Fig. S2). The small degree of heterogeneity makes it 
difficult to properly border NiAl-rich regions using an isoconcentration surface, and calculate the 
precipitate and matrix compositions using a proximity histogram. The Ni and Al clustering in the 
LT sample indicates that the nucleation of the CuAl3Ni3 precipitate occurred, but was stopped 
during the fast quenching process. 
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3.5. Discussion 
The different PT mechanism, temperature and hysteresis are attributed to distinctive 
change in microstructure of Cu-13.7 wt.% Al-5 wt.% Ni alloy caused by the quenching speed. The 
LT sample, prepared by ice water quenching, shows better structural uniformity (Fig. 4), and PT 
reversibility with lower hysteresis (Fig. 1). On the other hand, the HT sample, prepared with room 
temperature water quenching, shows formation of a high density of CuAl3Ni3 nanoprecipitates. 
The two different PT mechanisms revealed in previous section originate from these 
nanoprecipitates, which maintained their phases and shapes during PT (supplementary Fig. S3) at 
elevated temperature. Meanwhile, a large difference in PT temperature, especially Af, occurred 
between the TEM and DSC results. We also conducted an in-situ scanning electron microscope 
(SEM) observation using a heating stage before the TEM sample preparation (supplement Fig. S4). 
Although the SEM could not reveal nanoscale differences in both sample such as the 
nanoprecipitation, PT was observed at the temperature close to the DSC results (Table. 3), and 
TEM samples were prepared in the area that showed a clear PT.  
First, let us analyze behavior of the bulk samples before we interpret the difference in PT 
temperature between the TEM and bulk measurement. We see the following possible reasons for 
different PT behavior of HT sample in comparison with LT sample.  
a. Compositional changes in the matrix phase by nanoprecipitation (Table 2).  
b. Pinning effect: nanoprecipitates act as pinning sites to impede the movement of 
austenite/martensite interfaces both for direct and reverse PTs, effectively increasing athermal 
interfacial friction. 
c. Interfacial effect: Interface energy of precipitate-austenite and precipitate-martensite may be 
essentially different. Then precipitate-matrix interface may cause barrierless surface-induced 
14 
 
nucleation of the phase with essentially lower interfacial energy and suppress the opposite PT 
(see[31–33] for phase field modeling of surface-induced martensitic PTs). Elastic energy due 
to different lattice mismatch at precipitate-austenite and precipitate-martensite interfaces can 
be effectively included in interfacial energy.  
We will try to explain changes in all PT temperatures in Table 3 solely by one of the above 
reasons. Table. 3 indicates PT temperatures observed by DSC measurement and in-situ 
experiments in SEM and TEM. We will use PT temperatures directly observed in SEM and TEM 
for further discussion because it is hard to determine exact PT temperature by DSC curves. Since 
Ms and Mf of HT sample are increased with appearance of precipitates compared to that of LT 
sample, i.e., martensitic PT is promoted. This cannot be explained by pinning of the interface by 
precipitates that should suppress both PTs. It can be assumed that the large change in precipitate-
matrix interfacial energy would promote one of the PTs (in our case martensitic) and suppress 
another one (austenitic), which is consistent with results in Table. 3. However, an increase in the 
latent heat from 5.3 J/g for LT sample to 11.8 J/g for HT sample, despite the fact that precipitates 
do not transform, cannot be explained by interfacial effects. Consequently, the only possibility to 
explain both changes in all four PT temperatures and the increase in the latent heat due to 
precipitation is the composition effect. As shown in Table. 2, the Al and Ni composition of the 
matrix in the HT sample is lower than that of LT sample. It is well known that the decrease of Al 
and Ni composition lead to the increase of enthalpy change and PT temperatures[6,9,10].  
Although the composition effect is the main factor, it is considered the pinning and 
interface energy factors still have subtle influence on the duration of PT. The (MsLT:SEM – MfLT:SEM) 
and (MsHT:SEM – MfHT:SEM) are the same as 13 ℃, while (AfHT:SEM – AsHT:SEM= 21 ℃) increased by 
11 ℃ from (AfLT:SEM – AsLT:SEM= 10 ℃). This could be interpreted in a way that the suppression of 
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martensitic PT by the pinning effect is compensated by promotion of martensitic PT with reduction 
of the precipitate-matrix surface energy during martensitic PT. And the suppression of austenitic 
PT by the pinning doubles with an increase in the precipitate-matrix surface energy during 
austenitic PT. Thus, a simple estimate shows that pinning effect of precipitates corresponds to the 
increase in spread of both PTs by 5.5 ℃, while change in interface energy increases spread of 
austenitic PT and reduces spread of martensitic PT by 5.5 ℃. 
Next, let us analyze results for thin samples studied in TEM. As shown in Table. 3,  As 
increases by 80 ℃ for LT sample (AsLT:TEM1 – AsLT:SEM) and 64 ℃ for HT sample (AsHT:TEM1 – 
AsHT:SEM), while Af increases by 135 ℃ for LT sample (AfLT:TEM1 – AfLT:SEM) and > 243 ℃ for HT 
sample (AfHT:TEM1 – AfHT:SEM) in TEM samples. At the same time, Ms for LT sample was increased 
by 15 ℃ (MsLT:TEM2 – MsLT:SEM,), while Mf was decreased by 7 ℃ (MfLT:TEM2 – MfLT:SEM = -7), i.e., 
reduction in thickness promotes martensite nucleation. A thin film is under biaxial compression 
with the stress equal to 2γ/b, where b is the thickness of the sample and γ is the thin film surface 
stress. If one assumes thin sample surface tension (stresses) affect the PT, it should promote 
austenitic PT instead of martensitic PT, because the specific volume of the austenite for this alloy 
is smaller than that of martensite. Thus, surface tension is not the reason for observed PT 
temperature difference between TEM and bulk samples.  
Other possible effects related to thin sample may be: 
a. Smaller number of nucleating defects, e.g., dislocation groups, and smaller stress 
concentration from existing defects due to closeness of the free surface. This should suppress 
both PTs. As we discussed, nanoprecipitates in HT sample can serve as nucleating defects for 
martensite but suppress austenitic PT. However, this effect was evaluated as 5.5  ℃  in 
previous paragraph.  
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b. Other reports have described the delay of martensitic PT in thin TEM samples by the influence 
of a non-transforming surface layer, such as surface oxidation and/or a Ga+ implant damage 
layer during the FIB process[34]. Such layer may exist in our samples as well. It should 
suppress both PTs for both LT and HT samples by restricting deformation of a sample during 
PTs. 
c. Surface energy of austenite is significantly larger than that of martensite. This should suppress 
austenitic PT and promote martensitic PT to minimize total energy, because thin TEM 
specimen has a large surface/volume fraction.   
Note that the austenitic PT starts at the thickest region and propagates to the thinnest region, 
while martensitic PT starts at the thin place and propagate to the thick place (see Fig. S5g for LT 
sample). However, the area above orange line, the thinnest part, was the last area of martensitic 
PT. This most probably happened due to lack of nucleating defects. Thus, for LT sample, 
martensitic PT is promoted by reduction in surface energy, and austenitic PT is suppressed by lack 
of nucleating defects and constraining effect of the surface layer along with surface energy effect. 
Also, the increase in (Ms – Mf) and (Af – As) for thin sample compared to the bulk sample is related 
to heterogeneity caused by variable thickness and smaller number of nucleating defects than in the 
bulk sample.  
For HT sample, there is a significant reduction in the volume of the transformable material 
due to formation of precipitate. This should affect less on As, which is determined by the largest 
thickness, and much more on Af, which is determined by complete transformation of defect-free 
austenite regions with reducing thickness. After appearance of austenitic nuclei, they grow along 
the habit plane with increasing temperature, because according to Eshelby solution for ellipsoidal 
inclusion, elastic energy reduces with increasing aspect ratio of nuclei. However, lateral growth 
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increases elastic energy and also involves mechanisms, e.g., pole mechanism[35], which require 
presence of dislocation forest. Since dislocations are very rare in nanovolumes, lateral growth is 
very restricted and requires significant increase in temperature, during which new nuclei may 
appear. This explains a drastic increase in Af and impossibility to complete austenitic PT in our 
experiments with thin sample.    
Although the absolute temperature measured may not represent the actual transformation 
temperature of the bulk sample, the fact that for a similar TEM sample thickness, a higher 
transformation temperature is observed with the HT sample, and that a lower transformation 
temperature is observed with the LT sample are consistent with results of the bulk sample. Our 
discussion also indicates that the thickness of the TEM lamella would not affect the PT mechanism 
except temperature by size-effect. The in-situ TEM study unambiguously unveiled the subtle 
microstructure differences at the nanometer scale that causes distinctive PT temperature, 
hysteresis and mechanism change in copper based SMAs.  
 
4. Conclusion 
An in-situ TEM heating study revealed different PT mechanisms of Cu-13.7 wt.% Al- 5 
wt.% Ni SMAs prepared by two different quenching methods. Lower PT temperatures, enthalpy 
change, and lower hysteresis were measured for the LT sample quenched in brine ice water, 
compared to the HT sample quenched in room temperature water. The low hysteresis PT in the LT 
sample proceed through a growth dominated transformation mechanism of 𝛽𝛽1 austenite from the 
conventional 𝛾𝛾1′  martensite structure, with distinct blade-shaped nucleation and growth in the 
normal direction of the habit plane. In contrast, HT sample shows a nucleation dominated high 
hysteresis PT mechanism, where the growth to the normal direction of the habit plane is suppressed 
18 
 
by the presence of numerous CuAl3Ni3 nanoprecipitates with high interfacial strain. Furthermore, 
the differences in hysteresis and PT temperatures of both samples originate from compositional 
change induced by nanoprecipitation. As a result, high cooling rate is essential for low hysteresis 
Cu-Al-Ni SMA preparation in order to suppress nanoprecipitation.  
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List of Table 
Table. 1. Chemical composition results from EDS analysis. 
Composition 
LT (Fig. 2d) HT (Fig. 3d) 
wt. % Error wt. % Error 
Al 10.04 0.32 10.14 0.33 
Ni 5.28 0.2 5.08 0.18 
Cu 84.67 2.58 84.78 2.57 
 
Table. 2. Chemical composition results from APT analysis. 
Composition LT HT Needle Error % Matrix Error % Precipitate Error % 
wt. % 
Al 14.97 0.02 12.95 0.01 26.77 0.06 
Ni 5.24 0.02 1.47 0.00 56.59 0.08 
Cu 79.79 0.03 85.58 0.01 16.65 0.07 
at. % 
Al 29.15 0.04 25.84 0.02 44.69 0.09 
Ni 4.70 0.02 1.35 0.00 43.43 0.09 
Cu 65.98 0.08 72.50 0.02 11.80 0.06 
 
 Table. 3. Phase transformation temperature results from SEM and TEM experiments.  
Observation 
Method 
DSC 
(Fig. 1) 
SEM 
(bulk in Fig. S4) 
TEM 1 
(Fig. 2 (LT), 3 
(HT)) 
TEM 2 
(Fig. S5, with 
thickness 
variation) 
Unit: ℃ LT HT LT HT LT HT LT 
As 44 129 60 166 140 230 95 
Af 65 154 70 187 205 > 430 230 
Ms 54 124 45 128 
N/A 
60 
Mf 26 91 32 115 25 
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List of Figures 
Figure. 1. DSC curves measured for LT and HT sample. 
 
Figure. 2. TEM sequential images taken at different temperature during in-situ observation of LT 
sample. The inset in (b) is enlarged image from white boxed area. Red arrows indicate edge tips 
of austenite transformed from martensite (b-d). 
 
Figure. 3. TEM sequential images taken at different temperature during in-situ observation of HT 
sample. The inset in (c) is enlarged image from white boxed area. (f) Atomic resolution STEM 
HAADF image taken from the interface of 𝛾𝛾1′  martensite and 𝛽𝛽1 austenite at elevated temperature. 
The insets are FFT pattern from dotted boxed region. 
 
Figure. 4. Microstructure of LT sample. (a) TEM BF image. (b) HAADFSTEM image taken from 
white boxed area in (a). (c) Electron diffraction pattern taken from two martensite variants in (b). 
(d) Color composite EDS map of Cu (red), Ni (green), and Al (blue) obtained from orange boxed 
region in (b). EDS elemental map of Ni (e), Cu (f) and Al (g) respectively. 
 
Figure. 5. Microstructure of HT sample. (a) TEM BF image. (b) HAADFSTEM image taken from 
white boxed area in (a). The inset is magnified TEM BF image of bright martensite band. (c) 
Electron diffraction pattern taken from two martensite variants in (b). (d) Color composite EDS 
map of Cu (red), Ni (green), and Al (blue) obtained from orange boxed region in (b). EDS 
elemental map of Ni (e), Cu (f) and Al (g) respectively. 
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Figure. 6. Microstructure of HT sample with atomic resolution. (a) HAADF STEM image. (b) 
Magnified HAADF STEM image taken from white boxed region in (a). The overlaid atomic 
models are 𝛾𝛾1′  martensite and Al4Ni3 phase. (c) FFT pattern from (b). (d) Superimposed EDS map 
of Cu (red), Ni (green) and Al (blue) with isolated Cu, Ni and Al map taken from the same area of 
(b). 
 
Figure. 7. APT results for the LT and HT samples. (a) APT atom maps for LT and HT samples. 
(b) Precipitate visualized by drawing an isoconcentration surface at 25 at. % Ni. (c) Corresponding 
proximity histogram. 
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